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Supplementary Note 1:
Calculations of austenite volume fraction and dislocation density

Based on the synchrotron XRD profiles, for all specimens, the austenite volume fraction and
dislocation densities of both martensite and austenite were calculated. Using the initially
undeformed specimen as an example, the detailed calculation procedures are illustrated as follows.
Firstly, the measured synchrotron XRD profiles were fitted using the pseudo-Voigt function [1],
asshown in Fig. S1. It can be seen that the residual (blue solid line) between the measured (black

cross marks) and fitted (red solid line) profiles is very small, which indicating a good fitting.
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Fig. S1 The measured (black cross marks) and fitted (red solid line) synchrotron XRD profiles of
the present Q&P sample at initially undeformed state. The residual between measured and fitted

profiles is plotted in blue solid line.

Then, the austenite peaks including y(111), y(200), y(220), y(311), y(222) and martensite
peaks including a’(110), a’(200), a’(211), a’(220) shown in Fig. S1 were used for the calculation

of volume fraction of austenite using the following equation, according to the ASTM E975

standard [2]:
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where | is the integrated intensity of each diffraction peak for each phase, and n is the number of
diffraction peaks for each phase, R is the material scattering factor representing the theoretical
intensity of each peak. For illustration, the values of material scattering factor R and integrated
intensity of each peak | of the undeformed specimen is listed here inTable S1. Then, the volume
fraction of austenite (y) in the undeformed specimen is calculated to be 23.83%.

Using the above method, the austenite volume fractions of other interrupted specimens were

calculated based on synchrotron XRD profiles.

Table S1 Values of R and | for each diffraction peak of undeformed specimen
Peak y(111) v(200) y(220) y(311) vy(222) o’(110) «'(200) o'(211) «'(220)
R 1533.18 664.83 366.34 541.02 187.07 195549 251.01 549.50 163.81
| 1524.70 579.92 355.81 397.74 134.04 5649.62 60451 1607.17 449.84

The dislocation densities of martensite and retained austenite were calculated by combination
of modified Williamson-Hall (MWH) method and modified Warren-Averbach (MWA) method
[3]. Using the calculation of dislocation density of martensite (a") of the undeformed specimen as
an example, four martensite peaks o’(110), a’(200), a’(211), 0'(220) shown in Fig. S1 were
extracted to calculate the dislocation density of martensite.

According to the MWH method, the diffraction peak broadening can be related to the
dislocation density as follow:

AK = 0.9/D + nA%b?p/2 (K2C)/2 + O(K*C?) (2)
where K = 2 sinf /A is the reciprocal of the lattice spacing, and AK = 2cos6 (A8) /A is the full
width at half maximum (FWHM) of the corresponding peak plotted against K. € is the Bragg
diffraction angle, and 1 is the wavelength of the synchrotron X-ray. D is the average size of the
coherently scattering domains, which can be treated as the average crystallite size. A is a parameter
that determined by the effective outer cut-off radius Re of dislocations, b is the magnitude of
Burgers vector, p is the average dislocation density. O represents the high-order terms of K2C and
can be neglected. C is the average dislocation contrast factor. For each {hk!} reflection, the value
of C can be given by [4]:
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where Cp,q, is the average dislocation contrast factor corresponding to the {h00} reflection, g is a
parameter indicating the fractions of edge and screw dislocations. Both C,,q, and q values depend
on the anisotropic elastic constants c11, C12, C44 and the dislocation types of the material. According
to Equation (2), assuming the parameter A is a constant, then the values of D, p, and q are
determined by the best linear fitting AK against K2C obtained by the method of least squares, as
shown by the MWH plot inFig. S2(a). However, the assumption of parameter A as a constant may
introduce errors, especially for materials with high dislocation density, such as martensitic steel
[5]. A is related to effective outer cut-off radius Re of dislocations, which depends on the
arrangement of dislocations, such as randomly distributed dislocation structure and dislocation cell
structure [6]. It is noted that the Re value can only be estimated from the tails of the diffraction line
profile [7]. Therefore, in order to obtain more accurate dislocation density that account for the
dislocation arrangement, a further Fourier analysis of the line profile using the MWA equation is
required, and described as follow [8]:
InA(L) = InAS(L) + Y(L)(K%C) + 0'(K*C?) 4)
Y(L) = —(prb?L?/2)In(R, /L) (%)
where L is the Fourier length, A(L) is the real part of the Fourier coefficient of the {hkl} diffraction
peak, and can be simply obtained by Fourier transformation. A5(L) is the size contribution of the
Fourier coefficient, O’ is the negligible high-order term. According to Equation (4), the first-order
coefficient Y (L) can be obtained by fitting inA(L), with L fixed, against K2C, as shown by the
MWA plot i nFig. S2(b). Then, Equation (5) leads to the following equation:
Y(L)/L? = (mb?p/2)InL — (wb?p/2)InR, (6)
The dislocation density p and effective outer cut-off radius Re can be calculated from the slope
term wh%p/2 and intercept term —(b?p/2)InR,, respectively, from the linear fitting Y(L)/L?
against InL.

Finally, the dislocation density of martensite (a”) of the undeformed specimen is calculated
to be 1.64x10° m?2. This value is in good agreement with previously reported martensite
dislocation density of approximate 4.0x10'®> m? in a Fe-0.22C (wt.%) quenched and tempered
martensitic steel [9].

Using the above method, the dislocation densities of martensite (o.”) and austenite (y) of all

specimens were calculated based on synchrotron XRD profiles.
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Fig. S2 (a) Modified Williamson-Hall plot and (b) Modified Warren-Averbach plot obtained from

the diffraction peaks of martensite (a.") of the undeformed specimen.

Supplementary Note 2:
Effect of temperature rise due to adiabatic heating during high strain rates
The value of temperature rise AT resulting from the adiabatic heating during high-strain-rate

deformation was calculated by the following equation [10]:

ar = Zh ot )
|4

where o is the true stress, ¢ is the true strain, p = 7.85 x 103kg - m~3 is the steel density, C, =
485] - kg~ - K1 is the specific heat capacity at constant volume for the steel [11]. S is the
Taylor-Quinney factor of the steel that indicates the fraction of deformation energy converted into
heat. Here we take § = 0.8 referring to the value of commercial 1020 steel [10].

According to equation (7), the temperature values AT during deformation at RT, 600 s** and
100 <C, 600 st are plotted inFig. S3. It can be seen that the highest temperature rise is ~28.4 T
at 10% true strain during deformation at RT, 600 s (Fig. S3(a)) and ~20.1<C at 7.7% true strain
during deformation at 100 <C, 600 s* (Fig. S3(b)).
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Fig. S3 True stress-strain curve (black curve) and temperature rise with true strain (red curve) of
the present Q&P steel deformed at (a) RT, 600 s and (b) 100 <C, 600 s™™.

To further illustrate the possible effect of temperature rise on the mechanical behavior of the
present Q&P steel due to adiabatic heating during high-strain-rate deformation, we additionally
conducted tensile tests with temperature rise under quasi-static condition using the Linseis
dilatometer L78, to simulate the temperature rise scenario under high-strain-rate deformati on.Fig.
4 shows the true stress-strain curves and temperature profiles of the present Q&P steel deformed
under 10 s at constant 27 < (RT) and from initial 27 <C (RT) rising to 57 <T at 10% true strain.
It is noticed that the true stress-strain curves are almost unchanged with temperature rise during
deformation, suggesting that the temperature rise during high-strain-rate deformation at 27 <C (RT)
would not affect the mechanical behavior of the present Q&P steel and thus could be neglected in
this work.
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Fig. S4 (a) True stress-strain curves and (b) temperature profiles with true strain of the present
Q&P steel deformed under 103 s at constant 27 <T (RT) and from 27 <T (RT) to 57 <T. Note that
the serrations of the temperature profiles were due to the precise temperature control by the
inducting coils in the Linseis dilatometer L78.

Fig. S5 shows the true stress-strain curves and temperature profiles of the present Q&P steel
deformed under 102 st at constant 100 <C and from initial 100 <C rising to 125 <T at 10% true
strain. It is noticed that the true stress-strain curve with temperature rise during deformation almost
coincide with the true stress-strain curve with no temperature rise. This indicates that the
temperature rise resulting from adiabatic heating during high-strain-rate deformation at 100 <C has

neglectable effect on the mechanical behavior of the present Q&P steel.
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Fig. S5 (a) True stress-strain curves and (b) temperature profiles with true strain of the present
Q&P steel deformed under 102 s at constant 100 < and from 100 <T to 125 <T. Note that the
serrations of the temperature profiles were due to the precise temperature control by the inducting
coils in the Linseis dilatometer L78.

Fig. S6 shows the true stress-strain curves of the present Q&P steel deformed under 107 s
at constant 100 <C, 200 <C, 250 <C, and 300 <C. The results indicate that tensile tests at 100 <C,
200 € and 250 <T would not cause softening. The softening caused by elevated temperature
occurs when the temperature is above ~300 <C.
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Fig. S6 True stress-strain curves of the present Q&P steel deformed under 10 s? at constant
100 <€, 200 T, 250 T, and 300 <.

Supplementary Note 3:

Calculation of diffusion time t, and waiting time t,

In general, the interstitial carbon atoms would diffuse to dislocations, forming the Cottrell
atmospheres. The diffusion time t; is related to the diffusion radius r and diffusivity D by [12]:

. rr n,v,
° 4D  4zd,c,D,exp(-Q/RT)

(1)

where r = \/ana/Tan is the diffusion radius, n, represents the number of pinning carbon atoms
per atom along the dislocation line, v, =0.0117 nm? is the volume of iron atom in BCC martensite,
d, =0.2546 nm is the diameter of iron atom, ¢, = 0.65% is the atomic concentration of carbon in
martensite matrix. Here we assume n, =1, the diffusion radius is then estimated to be r = 1.5 nm.
D =D, exp(-Q/RT) is the diffusivity, Q = 66.9 kJmol™ is the activation energy for carbon

diffusion in martensite, D, = 0.02 cm? 5! is a pre-exponential factor [13], R = 8.314 J K'* mol*!
is the ideal gas constant, T is the absolute temperature. Hence, the diffusion time is estimated to

be t, =6.57x<10*s at 100 <TC.



The waiting time t, for temporarily pinned dislocations to break away is inversely

proportional to plastic strain rate ¢ as [14,15]:
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where p,, is the mobile dislocation density, p; is the forest dislocation density, b = 0.2482 nm is
the Burgers vector. Q is the elementary incremental strain described by Q=bp_p;*?. For the

initial microstructure, the forest dislocation density was estimated to be p, = 1.64x10%® m?

according to the synchrotron XRD result. Assuming the ratio of mobile dislocation to forest

dislocation density to be 18% for martensite matrix [16], the mobile dislocation density is
estimated to be p,, = 2.95x10** m2. The elementary incremental strain is estimated to be Q =
1.81x10°3, which is in good agreement with previous studies [14]. Hence, the waiting times (t,)
for loading at strain rates of 10 s and 600 s are 1.81 s and 3x<10°ss, respectively.

Fig. S7 plots the evolution of diffusion time t; and waiting time t, with the strain rate. It is

obvious that t; <t, when loading at 10 s* at 100 <C, and t, >, when loading at 600 s™ at
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Fig. S7 Comparison of waiting time t,, and diffusion time t, at 102 s and 600 s* at 100 <C.
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Supplementary Note 4:
Calculation of strengthening contributions of different mechanisms to the flow stress at 6%

To quantitatively analyze the various strengthening mechanisms at different loading
conditions, the flow stress (o ) is decomposed into several terms as:

o= Gfri + Gss + O-gb + O-dis + O-drag (3)
where o is the strengthening of lattice friction, O is the strengthening of solid solution, o, is

the strengthening of grain boundary, oy is the strengthening of dislocation forest, o, is the

strengthening of Cottrell drag force due to carbon-dislocation interaction.

The lattice friction of,; of pure iron at quasi-static deformation (103 s1) due to the Peierls
barrier is well documented in literatures as ~ 50-100 MPa [17,18]. For the present Q&P steel under
deformation at 102 s, we take 0rri = 80 MPa for estimation here. [17]. When the strain rate

changes, the thermally activated gliding behavior of dislocations would change, which can be well

pmbav xp (_ AGo—0effV/M

described by the Arrhenius equation [19,20]: € = po

), where p,, is the

mobile dislocation density, b is the magnitude of Burgers vector, d is the average obstacle distance,
v is the attempt frequency, M is the Taylor factor, AG, is the Helmholtz free energy (activation
energy), V is the activation volume, £ is the Boltzmann constant, 7 is the absolute temperature, &

is the strain rate, g5 is the effective normal stress. The Arrhenius equation thus can be further
converted as: gerr = Klné + B, where K = MTkT, and B = %(AGO — kTIn p"‘Mﬂ). It is clear that

Ocfy 18 a linear function of Iné for the thermally activated glide of dislocations. For pure iron,
when the deformation strain rate increases from 10 s to 600 s, the increment of effective stress

ocrs is well documented in literatures as ~100 MPa [21,22]. It should be noted that the increment
of effective stress o, ¢ of pure iron rising strain rate is totally caused by the increment of lattice
friction of,;. Thus, for the present Q&P steel with similar body-centred cubic (BCC) lattice
structure as pure iron, the increment of lattice friction oy, is also taken as approximate 100 MPa,
when the deformation strain rate increases from 107 s to 600 s™. Hence, the lattice friction Ofri
under deformation at 600 s is taken as orr; = 180 MPa for estimation here.

The solid solution strengthening o is due to the short-range internal stresses produced by

10



elements in solid solution. Since most of carbon atoms are segregated to dislocations to form

Cottrell atmospheres, it can be considered that the content of solute carbon atoms is negligibly
small, and the corresponding solid solution strengthening can be neglected. Therefore, o in the
present Q&P steel can be estimated by considering only the effect of substitutional solutes (i.e. Mn
and Al), using a regression expression [23,24]: o =32X,,, + 70X, , where X denotes the weight
concentration of individual elements marked in the subscript. Since the concentrations of Mn and

Al are 9.3 wt.% and 2.0 wt.%, respectively, the solid solution strengthening is estimated to be o
=437 MPa. The solid solution strengthening o is independent of strain rate.

The grain boundary strengthening o, can be described by the Hall-Petch relation as
Og = Kypd 2 where K, is the Hall-Petch parameter, d is the effective grain size. For the present

Q&P steel, the Hall-Petch parameter K,,, is taken as 210 MPa-m'? [25], and the effective grain

size is considered to be the block size d = 1.1 um [26], which can be determined from the EBSD

map. Thus, the grain boundary strengthening is estimated to be o, = 201 MPa. The grain

gb

boundary strengthening o, is independent of strain rate.

The dislocation forest strengthening o, for polycrystalline materials is correlated to the

dislocation density by the Taylor equation as [19]:

O istocation = M aﬂb\/; “4)
where M = 2.7 is the average Taylor factor [27], a = 0.2 is a dimensionless constant reflecting the
interaction strength between forest dislocations [28], u = 80 GPa is the shear modulus of martensite
matrix, b = 0.2482 nm is the magnitude of Burgers vector of martensite matrix, and p is the
dislocation density. For simplification, here we only use the dislocation density of martensite
matrix to estimate the forest dislocation strengthening of the present Q&P steel. The strengthening
of the dislocation forest can be estimated according to the dislocation density calculated from the
synchrotron XRD data. For instance, the dislocation density of martensite matrix at 6% strain is p

= 1.83x10'> m™, thus the dislocation strengthening to the flow stress at 6% is estimated to be

O gisiocation — 4598 MPa. The dislocation forest strengthening o, is independent of strain rate.

The Cottrell drag force F,,, of dislocations due to the carbon atmospheres surrounding

rag
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dislocations is approximately given by [29]:

_ zc,DA’

= A 5
38 Ob2KTv )

where C,= 0.18% is the atomic concentration of carbon at infinite distance from the dislocation,
D is the diffusion coefficient of carbon atoms, » = 0.2482 nm is the magnitude of Burgers vector,
k=1.38x102* J K is the Boltzmann constant, T is the absolute temperature, v is the dislocation

velocity. 4 is the interaction parameter between dislocations and carbon atoms due to a size misfit,

determined by A=(1+v)ubQs / |:7Z'(1—V):|. Here, Q=47r*/3 is the atomic volume of the

interstitial carbon atom. r =0.07 nm is the radius of carbon atom. v = 0.3 is the Poisson ratio, u =
80 GPa is the shear modulus, ¢ is the size misfit parameter, and approximately equal to 0.2 for
carbon atom in the interstitial site of BCC iron [30]. The dislocation velocity v is correlated to the

macroscopic plastic strain rate & by Orowan equation [31] as & = p,bv/M . Here, p,, #0.18p is

the mobile dislocation density, M is the average Taylor factor. The stress contributed by the Cottrell

drag force is 0y, = M7y, = MF, /b. Thus, the strengthening from Cottrell drag force oy,

can be related to the mobile dislocation density p, and plastic strain rate & as:

— ”CO DAzpm

= 6
om0k £ (©)
Thus, when loading at 107 s at 100 <C, the strengthening contribution of Cottrell drag force is

estimated to be o, =208 MPa. When loading at 600 s™' at 100 T, the strengthening contribution

of Cottrell drag force is estimated to be 0,, = 3.47x10™* MPa, which is too small and could be

neglected.

Fig. S8 plots the contributions of different strengthening mechanisms to the flow stress at 6%
under different loading conditions. In comparison to the continuous deformation at quasi-static
strain rate, for the continuous high-strain-rate deformation, the lattice friction increased ~100 MPa,
whereas the Cottrell drag force decreased ~208 MPa. Thus, the overall flow stress decreased ~108
MPa. For the interrupted high-strain-rate load-unload-load test, the increment of lattice friction

and Cottrell drag force both exist, thus exhibits the highest flow stress.

12
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