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Supplementary Notes 

Supplementary Note 1 

Many studies on high-entropy ceramics focus on maximizing configurational entropy 

(using equimolar ratios of metal elements) for greater single-phase stabilization12,13 of single-

phase solid solution phase; differing combinations and increasing the number of elements has 

achieved properties often highly surpassing those of the constituent conventional ceramic 

components13,14. 
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Although some ceramic systems demonstrate high-temperature stability15,16, recent 

theoretical studies have shown that all 126 equimolar high-entropy nitrides studied in17 are 

metastable with respect to all corresponding equimolar lower-entropy nitride phases that were 

confirmed experimentally and also proved in other works16. Therefore, we propose that 

exploiting the metastability of high-entropy ceramics can offer additional phase space, resulting 

in multiple advantages for tuning beneficial properties. 

 

Supplementary Note 2 

The local lattice disorder inherent in high-entropy ceramics arising from many different 

sized and chemically distinct elements and fluctuations in the local chemical environment 

influences the movement of diffusing species, defects, and dislocations18,19. Therefore, the high-

entropy concept provides ample room for further well-targeted improvement of high-

temperature mechanical properties20. While mechanical properties are enhanced by severe 

lattice distortion (solid-solution strengthening), nanograin microstructure impeding dislocation 

motion (Hall-Petch strengthening), and by changes in and/or elimination of lattice slip 

systems21, the inhibition of grain coarsening typical for high-entropy ceramics at elevated 

temperatures allows to retain mechanical properties16. Theoretical calculations demonstrate that 

high-entropy ceramics show a slow reduction in tensile and shear strength with temperature22. 

Although only a few studies report the mechanical behavior of high-entropy ceramics at 

elevated temperatures20,23,24, they demonstrate the exceptional potential of high-entropy 

ceramics to become new high-temperature materials25. However, most rare reports in the 

literature deal with post-mortem mechanical characterization of high-entropy ceramics, and 

their high-temperature mechanical properties under real operating conditions still lack detailed 

characterizations19,26,27. The possible reason for the latter is that most high-entropy ceramics are 

synthesized in thin film form. Owing to highly non-equilibrium conditions, physical vapor 

deposition (PVD) is typically the most preferential method for metastable high-entropy ceramic 

synthesis. Characterization of mechanical properties of thin films at high temperatures has not 

been feasible due to the limited volume available and related obstacles. However, recent 

advancements in thermomechanical testing methods for micro/nano-scale materials allow us to 

overcome the critical challenges associated with temperature control during material 

characterization, specimen size, and resolution of measurements28.  
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Supplementary Note 3 

In Fig. S10, the low elastic loading modulus measured at 800 or 900 °C, depending on 

composition, is arrowed; the lowest modulus is consistently associated with testing at 1000 °C. 

A measured relatively low modulus is despite the sensor drift corrections, temperature-

dependent loading frame modulus correction, Fig. S15, and sink-in correction accounting for 

the minor (~10%) thermal reduction in elastic modulus of the (0001) sapphire substrate by 

1000 °C were considered in prior. Initial suspicion of plastic deformation of the sapphire 

substrate at high temperature was proven incorrect: a cross-sectional lift out of a hexanary Al-

high pillar compressed at 1000 °C imaged by TEM does not reveal either deviation of the film-

substrate interface, nor evidence of remaining crystal defects in the sapphire (dislocations or 

twins), Fig. 4b. According to previous studies, fracture of sapphire at this temperature is 

preceded by deformation twinning5; hence as neither occurs here, this indicates that load applied 

to the micropillar is effectively distributed in the ~2 µm film thickness below the pillars.  

To further elucidate this phenomenon, a TEM analysis of a central cross-section of the 

diamond punch itself was carried out. According to the SEM imaging, it is evident that imprints 

of the tops of the micropillars are left in the punch surface after testing up to 1000 °C, Fig. S11. 

Extensive chemical reactivity between punch and high-entropy refractory nitride pillars was 

observed, resulting in consumption of the punch and the formation of mechanically weaker 

oxide phases29, as well as carbides, oxy-carbides and a carbo-nitride several hundred 

nanometres thick in total, Fig. S12. Specifically, we identify on the punch surface: AlOx 

particles, (Zr, Hf)Ox particles, CNx particles, a thin TiCx layer, a thick (Ti, Zr, Hf, V, Nb, Ta, 

Al, Si)OxCy layer interfacing the diamond, and a SiOx outer layer, where Si originates from a 

separate Si-doped refractory high-entropy nitride series.  

In addition, evidence of mechanical deformation of the diamond (stacking faults on at 

least 4 distinct systems, as well as an elevated density of ordinary dislocations) was found after 

testing up to 1000 °C, Fig. S11; these faults are most dense near the contact interface between 

pillar and punch. Although this is not definitive proof of plasticity generated at high temperature 

– rather than initially present from punch production or related to low-temperature testing – it 

is consistent in both crystal deformation mechanism and applied stress (7.9 GPa, vs. ~8.5 GPa 

maximum here) with previous reports of plasticity in 3.5 GPa anvil-confined 5 µm diamond 

powder 30.  

The chemical reactivity and mechanical deformation of the diamond punch are expected 

to have occurred most readily at the highest test temperatures, according to straightforward 
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kinetic arguments, and provide pathways for additional punch displacement to be achieved by 

a given load in the applied test conditions.  

 

Supplementary Note 4 

W-containing, heptanary nitride: TEM imaging and analysis following micro-

compression at 1000 ℃ revealed extensive oxygen inward diffusion, Fig. S16, manifested as a 

high oxygen content along columnar grain boundaries in the upper third of the film, Fig. S17, 

and a ladder-like structure within the grains there, with the horizontal oxygen-rich rungs 

coincident with locally increased Hf and Zr atomic contents. Diffraction from the low volume 

of these additional phases was not captured in film's upper half's SAED. Grain-scale segregation 

of W remains, along with atom-scale segregation.  

 

Supplementary Note 5 

A simple, classic model of shear strength, τsum, based upon summative strengthening of 

contributors yields Eq. S.4, is composed as follows: solid solution strengthening of the metallic 

sub-lattice, τSS, supplements the temperature-dependent binary nitride lattice resistance, τ*, 

Taylor hardening is given by τG, the effect of grain size, diameter d, on shear strength, τh-p, 

supplements the source-strengthening, τS, stemming from the small sample size; finally the 

contribution of short-range ordering across the metallic sub-lattice is quantified by τsr, and 

spinodal decomposition yields the contribution τsd. Conversion to a uniaxial strength, σ, is 

achieved via the Taylor factor M = 3.06 for untextured face-centered cubic slipping on the close-

packed planes.  

 𝜏𝜏sum = 𝜎𝜎 𝑀𝑀⁄ = 𝜏𝜏∗ + 𝜏𝜏SS + 𝜏𝜏G + 𝜏𝜏S + 𝜏𝜏h−p + 𝜏𝜏sr + 𝜏𝜏sd  (S.4) 

≈ �1 − 𝑇𝑇
𝑇𝑇𝑐𝑐
� �𝜏𝜏0∗ + 𝜏𝜏SS,0 + 𝜏𝜏sr,0� + 𝛼𝛼𝛼𝛼𝛼𝛼�𝜌𝜌 + 𝐾𝐾𝐾𝐾 ln (𝜆𝜆� 𝑏𝑏⁄ )

𝜆𝜆� 𝑏𝑏⁄
+ 1

𝑀𝑀
𝐾𝐾h−p𝑑𝑑−1 2⁄ +

𝑘𝑘s(𝐴𝐴𝐴𝐴𝐴𝐴)5 3⁄ (𝜆𝜆 𝐺𝐺𝐺𝐺⁄ )2 3⁄  (S.4b) 

where material parameters are taken as those for the hexanary Al-high composition (lattice 

parameter: a6-Al-high = 4.2672 Å here), as measured and employed in calculations in1: shear 

modulus, G = 168 GPa, the ½<110> Burgers vector of slip, b = 3.017 Å, the modulus term 𝑌𝑌 =

𝐸𝐸(1 − 𝜈𝜈), with Young's modulus E = 453 GPa and Poisson ratio ν = 0.209; 𝑘𝑘s =

0.122[𝜋𝜋(1 − 𝜈𝜈)(1 − 2𝜈𝜈)]2/3 is another material elasticity term. Further parameters include the 

dislocation density, ρ, taken as 1015 m-2 here, Kh-p = 12.5 GPa nm-1/2 the Hall-Petch constant 

(taken for TiN31), a d = 100 nm grain size, micropillar diameter D = 1800 nm which 
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approximates the average source length 𝜆̅𝜆, and pre-factors K = 0.5 & α = 0.1. The solid solution- 

and short-range order-strengthened lattice resistance prefactor is approximated here as: 

�𝜏𝜏0∗ + 𝜏𝜏SS,0 + 𝜏𝜏sr,0� = 4.5 GPa; Tc is a critical temperature (beyond the temperature range 

probed here), above which lattice resistance is assumed constant and low. With regards to the 

spinodal itself, 𝐴𝐴 =  (𝐶𝐶 −  𝐶𝐶0) / 3, is the amplitude of each of the three dimensional 

composition modulation components on the metallic sub-lattice, giving A = (92 – 51) / 3 = 13.7 

at.% here for the Al composition in the hexanary Al-high nitride after annealing at 1200 °C, 

Fig. 2f, whilst 𝜂𝜂 = 𝑎𝑎−1 𝑑𝑑𝑑𝑑 𝑑𝑑𝑑𝑑⁄  is the relative lattice parameter change against composition, and 

the spinodal wavelength of a specific material and annealing condition is λ. Upon further 

inspection the equation for the spinodal component simplifies if Vegard's law of proportionality 

between isostructural solid solutions' compositions and their lattice parameters holds true: 

hence 𝜂𝜂 ≈ 𝑎𝑎−1 ∆𝑎𝑎 ∆𝐶𝐶⁄  where Δ denotes a finite change in a value, with the result that Aη, and 

thereby τsd, can be expressed as a function of the amplitude of the change in lattice parameter 

across the spinodal, without including the explicit value of composition change itself – which 

cancels between A and η. It is evident that any real deviations from Vegard's law leading to an 

increased 𝑑𝑑𝑑𝑑 𝑑𝑑𝑑𝑑⁄  will yield additional strengthening. The lattice parameter of cubic AlN is 

taken as 4.045 Å.   
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Supplementary Tables 

Supplementary Table 1. Elemental composition of the samples derived from the 

combined measurements using XPS and ToF-ERDA. 

Sample 
  Composition (at.%) 

N Al Ti Hf V Zr Nb Ta W Ar O C 

(TiVZrNbHf)N 48.2 – 11.8 7.6 10.5 12.2 7.8 – – 0.4 0.8 0.7 

(TiVZrNbHf)0.86Al0.14N 48 6.9 10.3 6.5 9.0 10.2 6.8 – – 0.4 1 0.8 

(TiVZrNbHf)0.49Al0.51N 48.8 25.0 6.3 3.4 5.1 5.8 3.5 – – 0.4 0.8 0.7 

(TiVZrNbHfTa)N 48.2 – 11.5 7.6 6.9 10.4 6.5 6.7 – 0.5 0.9 0.8 

(TiVZrNbHfTaW)N 45.0 – 9.7 5.6 7.3 9.5 5.9 5.6 9.6 0.5 0.6 0.9 

 

Supplementary Table 2. Reduced Young's moduli derived from nanoindentation 

measurements for all films performed before and after annealing in a vacuum at different 

temperatures of 900-1200 °C . 

Nominal composition RT 900 °C 1000 °C 1100 °C 1200 °C 

(TiVZrNbHf)N 353.9±9.3 375.9±12.2 385.3±9.9 360.4±12.1 387.2±5.7 

(TiVZrNbHf)0.86Al0.14N 365.9±9.8 382.6±10.6 384.8±9.3 387.5±14.9 383.7±10.8 

(TiVZrNbHf)0.49Al0.51N 349.4±7.1 371.5±8.2 386.5±9.5 371.9±7.8 376.7±6.2 

(TiVZrNbHfTa)N 370.6±12.4 383.17±11.4 380.8±9.6 381.9±13.3 382.8±11.1 

(TiVZrNbHfTaW)N 390.4±8.7 393.2±9.4 369.0±9.4 403.3±5.9 364.6±11.1 
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Supplementary Figures 

 

Supplementary Fig. 1. (a-c) XRD patterns for pentanary (Ti0.23Hf0.15Nb0.17V0.21Zr0.24)N, hexanary 

(Ti0.23Hf0.15Nb0.13V0.14Zr0.21Ta0.14)N, and hexanary 'Al-low' (Ti0.21Hf0.13Nb0.14V0.18Zr0.20Al0.14)N thin films 

before and after annealing in vacuum at 900, 1000, 1100, and 1200 ℃. 
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Supplementary Fig. 2. EDX color-coded elemental maps acquired from (a) pentanary nitride 

annealed at 1000 °C and (b) heptanary nitride annealed at 1100 °C. 
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Supplementary Fig. 3 Magnified EDX color-coded elemental maps acquired from heptanary 

nitride annealed at 1100 °C. 
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Supplementary Fig. 4. EDX color-coded elemental maps acquired from (a) the hexanary 'Al-

low' (Ti0.21Hf0.13Nb0.14V0.18Zr0.20Al0.14)N and (b) hexanary 'Al-high' (Ti0.13Hf0.07Nb0.07V0.10Zr0.12Al0.51)N 

films after annealing at 1200 °C.  
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Supplementary Fig. 5 Magnified EDX color-coded elemental maps acquired from the hexanary 

'Al-high' (Ti0.13Hf0.07Nb0.07V0.10Zr0.12Al0.51)N and the hexanary 'Al-low' 

(Ti0.21Hf0.13Nb0.14V0.18Zr0.20Al0.14)N films after annealing at 1200 °C. 
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Supplementary Fig. 6. SAED acquired from (a) heptanary nitride annealed at 1100 °C, (b) 

pentanary nitride annealed at 1000 °C, (c) hexanary 'Al-high' and (d) hexanary 'Al-low' films after 

annealing at 1200 °C. The film growth direction is horizontal for the SAEDs presented here.  
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Supplementary Fig. 7. EDS line scans acquired from (a) hexanary 'Al-low' and (b) hexanary 

'Al-high' films after annealing at 1200 °C.  
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Supplementary Fig. 8. SEM images of representative sets of FIB-milled micro-pillars before 

microcompression, viewed at several tilt angles.  
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Supplementary Fig. 9. SEM images of micro-pillars deformation and fracture for (a) pentanary, 

(b) hexanary, (c) heptanary, (d) hexanary Al-low and (e) Al-high systems after compression at room 

temperature (RT), 500 ℃, 700 ℃, 800 ℃, 900 ℃, and 1000 ℃. All scale bars are 1 µm. 
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Supplementary Fig. 10. A set of stress-strain curves for (a) pentanary 

(Ti0.23Hf0.15Nb0.17V0.21Zr0.24)N, (b) hexanary (Ti0.23Hf0.15Nb0.13V0.14Zr0.21Ta0.14)N, and (c) heptanary 

(Ti0.17Hf0.11Nb0.14V0.14Zr0.16Ta0.11W0.17)N, (d) the hexanary Al-low (Ti0.21Hf0.13Nb0.14V0.18Zr0.20Al0.14)N 

systems compressed at RT, 500 ℃, 700 ℃, 800 ℃, 900 ℃, and 1000 ℃. For statistical accuracy, at 

least 4-5 pillars are compressed for each film composition at each test temperature, but only 

representative stress-strain curves are shown here.  
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Supplementary Fig. 11. (a) SEM image of the diamond punch after compression up to 1000 ℃ 

with pillar imprints arrowed in red and cross-section lift-out location indicated; (b, c) BF-TEM and 

STEM-HAADF overview images of the punch cross-section, oriented by the white arrows in (a, b), with 

significant intersecting slip traces indicated (dotted black lines in (c)). BF-TEM images of the crystal 

deformation structures (d) in the region near the micropillar contact surface, indicated in (b) and (e - h) 

at the intersection of significant stacking fault families, where the stacking fault density is high. Black 

arrows in (g) indicate ordinary dislocations.  
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Supplementary Fig. 12. (a, b) BF-TEM and STEM-HAADF overview images of the punch 

cross-section, (c, d) High magnification BF-TEM images of the reacted layer, and (e, f) STEM-EDX 

analysis of the reaction products, indicated by white arrows in each case, observed in the cross-section 

of the diamond punch after compression up to 1000 ℃, taken from the regions highlighted in (a). 
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Supplementary Fig. 13. Temperature profile of a representative high-temperature 

microcompression experiment: measured temperatures of tip and sample side thermocouples.  
 

 

Supplementary Fig. 14. Displacement drift curves at constant load (upon 90% unloading) for 

temperature matching at 900 and 1000 ℃.  
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Supplementary Fig. 15. Rig compliance of the high-temperature nanoindentation setup against 

test temperature measured using a conductive diamond Berkovich on (0001) sapphire.  

 

 

 



21 

 

Supplementary Fig. 16. STEM-EDX color-coded elemental maps acquired from the hexanary 

Al-high pillar after compression at 1000 ℃. 
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Supplementary Fig. 17. STEM-EDX color-coded elemental maps acquired from the upper part 

of the hexanary Al-high pillar after compression at 1000 ℃. 
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Supplementary Fig. 18. Magnified STEM-EDX color-coded elemental maps acquired from the 

near-surface area of the heptanary nitride film after micropillar compression tests at 1000 °C. 
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Supplementary Fig. 19. Magnified STEM-EDX color-coded elemental maps acquired from the 

mid-depth of the heptanary nitride film after micropillar compression tests at 1000 °C and corresponding 

SAED. 
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